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ABSTRACT: Biological materials have the ability to withstand extreme mechanical forces due to their unique multilevel
hierarchical structure. Here, we fabricated a nacre-mimetic
nanocomposite comprised of silk ﬁbroin and graphene oxide
that exhibits hybridized dynamic responses arising from
alternating high-contrast mechanical properties of the
components at the nanoscale. Dynamic mechanical behavior
of these nanocomposites is assessed through a microscale
ballistic characterization using a 7.6 μm diameter silica sphere
moving at a speed of approximately 400 m/s. The volume
fraction of graphene oxide in these composites is systematically varied from 0 to 32 vol % to quantify the dynamic eﬀects
correlating with the structural morphologies of the graphene oxide ﬂakes. Speciﬁc penetration energy of the ﬁlms rapidly
increases as the distribution of graphene oxide ﬂakes evolves from noninteracting, isolated sheets to a partially overlapping
continuous sheet. The speciﬁc penetration energy of the nanocomposite at the highest graphene oxide content tested here is
found to be signiﬁcantly higher than that of Kevlar fabrics and close to that of pure multilayer graphene. This study evidently
demonstrates that the morphologies of nanoscale constituents and their interactions are critical to realize scalable highperformance nanocomposites using typical nanomaterial constituents having ﬁnite dimensions.
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nanoscale phases or nanocomposites exhibit a hybridized
failure mechanism for enhanced antiballistic performance.
As a ﬁller for nanocomposites, graphene oxide (GO) stands
out among reinforcing nanoﬁller materials due to its attractive
characteristics, including high elastic modulus (250 GPa),6 low
density,7 high water solubility, and good mechanical ﬂexibility.8
As a matrix, we employed silk ﬁbroin (SF), a material that
forms one of the toughest natural ﬁbers, as well as a good
candidate for both a binder and matrix.9−12 Both components
of the nanocomposite are amphiphilic, GO comprised of
hydrophobic graphitic and hydrophilic oxidized functionalities;
SF also contains both hydrophilic and hydrophobic domains.13
The complementary heterogeneity of GO and SF can maximize
various noncovalent interactions between the ﬁllers and the
matrix. The mechanical performance of materials largely
depends on the interactions at the interface, so maximizing

anocomposites comprised of materials with distinct
mechanical properties and tailored interfaces between
the components have received wide attention over the last two
decades due to their synergistically improved properties
compared to the individual components.1−3 Nanocomposites
are promising for the development of lightweight ballistic
armor materials, where dissipation of a projectile’s massive
kinetic energy with a limited areal density (or mass per unit
area) is required. In contrast to conventional structural
composites being used below a material’s yield strength, due
to the extreme nature of mechanical interactions between a
high-speed projectile and an armor composite, irreversible
structural damage via dynamic failure processes including
cracking, fragmentation, shear, and delamination are generally
accompanied.4 In this aspect, typical composites that have
micro- or larger scale material phases still tend to exhibit
characteristic failure mechanisms of individual constituent
materials because a material’s intrinsic failure mechanism is
governed at the submicrometer scale. Therefore, in addition to
the superior load transfer eﬃciency, which is attributed to the
large interfacial area between phases,5 composites with
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Figure 1. (a) Illustration of LbL assembled GO-SF nanocomposite depicting the brick and mortar structure. (b) SEM of a 150 nm thick GO-SF ﬁlm.
(c) Schematic illustration of the α-LIPIT experiment. (d) A GO-SF ﬁlm suspended on a TEM grid. (e) Penetration micrograph recorded by multiple
exposures. The straight fringes along the specimen holder are due to optical diﬀraction of illumination pulses.

inertia eﬀect, and the adiabatic process.34 Therefore, HSR
mechanical characterization is of great signiﬁcance for the
development of armor materials based on nanocomposites.
Several techniques were used to study material behavior at
HSRs, such as dropweight machine,35 split Hopkinson pressure
bars,36 Taylor impact,37 and plate impact.38 However, as all
these techniques require a macroscopic sample and it is
challenging to apply these HSR mechanical characterization
techniques to nanocomposites as shown in the scanning
electron micrograph (SEM) (Figure 1b and Figure S3). Thus,
we have employed an advanced laser-induced projectile impact
test (α-LIPIT) (Figure 1c) to investigate the armor characteristics of GO-SF nanocomposites membranes.39−41 The GO-SF
membrane was transferred onto an 80-mesh Transmission
electron microscope (TEM) grid (200 μm square hole). As a
projectile, a single solid silica microsphere D = 7.62 ± 0.22 μm
was accelerated to approximately 400 m s−1 and penetrated
through a suspended GO-SF specimen (Figure 1d and Figure
S2) in air. The positions of the projectile were quantiﬁed using
a multiexposure ultrafast photograph, taken by 1 ps white-light
pulses with an interpulse interval of 200 ns (Figure 1e).
Before proceeding the mechanical characteristics of GO-SF
nanocomposites at HSRs, we investigated the structure and
static mechanical properties of ultrathin nanocomposites with a
special attention to the interfacial interactions between the two
components. The nacre-like brick-and-mortar structure is
known to be critical for the excellent mechanical properties
of GO-SF nanocomposites.25 It has been reported that the
formation of molecular interphase zones contributes to the
reinforcing eﬀect of GO incorporated into SF matrix.22 We
tuned the ionization state of SF chains by altering the pH of the
solution. Oxidized domains of GO, therefore, repel negatively
charged SF chains and push them toward the unoxidized
hydrophobic domains, facilitating hydrophobic interactions and
load transfer between the matrix and ﬁller. According to a

the interfacial binding is critical for achieving desired
mechanical properties.13
GO-SF nanocomposite membranes were fabricated by a
spin-assisted layer-by-layer (SA-LbL) assembly of GO and SF
solutions (Figure 1a). SA-LbL oﬀers a precise control over the
composition, thickness of the individual components and the
composite, and a highly stratiﬁed structure along the thickness.14 Owing to the highly stratiﬁed nature of the composites,
SA-LbL has been extensively utilized for the fabrication of
nacre-mimetic composites.15−17 In previous studies, the GO-SF
composite membranes showed promising mechanical properties (modulus of 145 GPa, ultimate stress of above 300 MPa,
toughness of above 2.2 MJ m−3) as a result of the formation of
strong molecular interphase zones.18−23 Dynamic SA-LbL
assembly (170 GPa, 300 MPa, 3.4 MJ m−3) and water vapor
annealing (105 GPa, 460 MPa, 2.1 MJ m−3) were introduced to
further improve the mechanical characteristics of GO-SF.24,25
The combination of GO and SF forms a nacre-like “brick-andmortar” arrangement,26,27 known for its remarkable strength
and toughness.28−31 A recent simulation study on multilayergraphene/poly(methyl methacrylate) nanocomposites reveals
two deformation and failure mechanisms, yielding failure within
graphene and pull-out failure along the interface.32,33 According
to the authors, there is more energy dissipation per layer
through multilayer-graphene yielding than pull-out, implying
that the staggered architecture is more critical in the mechanical
performance than the interfacial interaction strength.
Despite immense eﬀorts dedicated to the design and
fabrication of graphene-based nanocomposites, their mechanical behavior is not studied under high strain rate (HSR),
especially at a deformation speeds comparable to supersonic
muzzle velocities. Unlike quasi-static conditions, in which load
can be transferred through dynamic friction at interfaces by
relative sliding between sheets,32,33 HSR inelastic material
behavior is substantially diﬀerent due to the wave propagation,
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DOI: 10.1021/acs.nanolett.7b04421
Nano Lett. 2018, 18, 987−993

Letter

Nano Letters

Figure 2. (a) Thickness of the GO-SF composite ﬁlms as a function of number of bilayers fabricated using SF solutions of diﬀerent pH. (b)
Representative AFM height image of the GO-SF composite ﬁlm surface. (c) Higher-magniﬁcation AFM image of the composite structure. (d)
Optical micrograph of a buckled GO-SF ﬁlm (pH 10). Inset showing a corresponding 1D-FFT pattern of the micrograph. (e) AFM image of the
buckled GO-SF composite ﬁlm (pH 10) on PDMS substrate under compression. (f) Elastic moduli of the GO-SF ﬁlms fabricated using SF solutions
at diﬀerent pH.

GO-SF ﬁlm was determined using strain-induced elastic
buckling instability technique.43 Brieﬂy, a compressive stress
above certain threshold on a compliant material with a stiﬀ skin
layer results in spontaneous periodic buckling patterns in the
ﬁlm to minimize the strain energy.44 The buckling wavelength
is given by45

previous study, there are more random coils and less β-sheets at
higher pH.42 These amorphous SF chains act as linkers
between β-sheet domains, leading to the larger shear strength.
All these factors contribute to the mechanical responses of GOSF membranes at HSRs.
In a previous study, we demonstrated that the interfacial
interactions between GO and SF are highly dependent on the
pH of the SF solution during adsorption.42 Because of the
multidomain and amphiphilic nature of SF, the adsorption of
SF on GO is inﬂuenced by the ionization state of the SF, which
is governed by the pH of the solution. We fabricated GO-SF
ﬁlms using SA-LbL assembly. The composite ﬁlms were
comprised of ten bilayers of GO and SF. We adjusted the
pH of the SF solution to pH 4, pH 7, and pH 10 during
deposition to probe the eﬀect of pH on the elastic modulus of
the composite ﬁlms with a GO content of 12.5 vol %. At pH 4,
SF was positively charged resulting in favorable electrostatic
interactions between GO and SF. In contrast, at pH 10, SF was
strongly negatively charged resulting in hydrophobic interactions between GO and SF.42 Because of the pH-dependent
GO-SF and intersilk interactions, the thickness of SF was found
to be higher at pH 4 when compared to that at pH 7 (Figure
2a). The thickness of GO/SF bilayer at pH 10 was found to be
∼5 nm, which agreed with the previously reported results, while
the thickness of the bilayer at pH 4 is ∼7.5 nm.22
Representative AFM (atomic force microscopy) images of the
composite ﬁlm (assembled at pH 10) revealed a uniform and
dense coverage of GO ﬂakes with an RMS roughness of 3.1 ±
1.9 nm over a 1 × 1 μm area (Figure 2b,c).
In order to measure the static elastic modulus, we fabricated
a free-standing GO-SF composite ﬁlm using polystyrene as a
sacriﬁcial layer (see experimental section in SI for details). The
ability to freely suspend the GO-SF ﬁlm was demonstrated by
transferring the ﬁlm onto a TEM grid with ∼200 μm apertures.
After transfer of the free-standing ﬁlm onto a compliant
polydimethylsiloxane (PDMS) substrate, the elastic modulus of

⎡ (1 − ν 2)E ⎤1/3
s
f
⎥
λ = 2πt ⎢
⎣ 3(1 − νf2)Es ⎦

where λ is the wavelength of the periodic buckling pattern, Ef
and vf are the elastic modulus and the Poisson’s ratio of the stiﬀ
skin layer respectively, Es and vs are the elastic modulus and the
Poisson’s ratio of the compliant substrate, respectively, and t is
a thickness of the stiﬀ skin layer.
Compression of the compliant PDMS substrate with GO-SF
ﬁlm on the surface resulted in uniform buckling of the ﬁlm
(Figure 2d). A fast Fourier transformation (FFT) of the optical
images was employed to determine the wavelength of the
buckles to be 7.4 ± 0.2 μm (inset of Figure 2d). AFM imaging
of the buckled surface further conﬁrmed the periodicity of the
buckling patterns and revealed amplitude of the buckles to be
∼400 nm (Figure 2e). The corresponding elastic modulus of
the GO-SF ﬁlm varied with the pH of the SF solution
employed in LbL assembly. The elastic modulus of the GO-SF
ﬁlm assembled at pH 4 was found to be 4.8 ± 0.6 GPa, while
those of the GO-SF ﬁlm assembled at pH 7 and pH 10 were
found to be 7.2 ± 0.3 and 26.6 ± 0.3 GPa, respectively. As
reported in the previous study,42 the extent of β-sheet
formation in GO-SF bilayered ﬁlm was higher when assembled
at pH 4 compared to that at pH 10. However, the lower
modulus of the GO-SF bilayered ﬁlm at pH 4 compared to that
assembled at pH 10 can be attributed to the absence of intersilk
repulsion at pH 4, resulting in clusters of SF on the GO ﬂakes
resulting in nonuniform packing and poor interfacial interaction
between GO and SF (Figure S5). The weak interfacial
989
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interactions between the SF and GO leads to poor stress
transfer from SF matrix to GO and partial slippage of the GO
ﬂakes under compressive stress. Despite the lower β-sheet
content in the GO-SF ﬁlm assembled at pH 7 and pH 10, the
SF chains uniformly distributed on the GO ﬂakes and facilitated
better interfacial interactions and packing, thus enhancing the
elastic modulus of the composite ﬁlm (Figure S7). The vast
majority of ﬁbrillar structures observed in at pH 7 and 10 were
individual nanoﬁbrils or limited multidomains, rather than
bundles as usually observed for longer adsorption on
hydrophilic substrates.46 The absence of substantial aggregation
and self-folding is critically important for maximizing interfacial
interactions among diﬀerent SF domains and GO surface.47
To further understand the static mechanical properties of the
GO-SF composites, we varied the GO content in the composite
ﬁlm by varying the concentration of GO used in the SA-LbL
process and by altering the number of bilayers used in the GOSF composite (see experimental details in SI). Composite ﬁlms
with a GO content of 0, 8, 25, and 32 vol % were achieved
using SA-LbL process at pH 10. According to the morphology
of the GO-SF composite, as the GO content increased, the
roughness of the composite also increased, which indicated that
the GO ﬂakes start impinging upon one another at higher
concentrations (Figure 3a−d). Increasing the GO content
higher than 32 vol % in the composite resulted in a large
overlap of the GO ﬂakes and formation of GO multilayers.
Using FFT of the optical images, the buckling wavelength and
the elastic modulus of the GO-SF ﬁlms were determined
(Figure 2e). We found that increasing the GO content from 0
to 32 vol % in the composite ﬁlm resulted in an increase in the
elastic modulus from 4.1 ± 0.5 to 76.8 ± 9.1 GPa.
The reported value of the elastic modulus of GO is 207.6 ±
23.4 GPa while the elastic modulus of SF varies from 4 to 22
GPa depending on the ratio of the random coil to the β-sheet
content.6,22 We modeled the elastic modulus of the GO-SF
composites using the Halpin−Tsai model that is widely used to
estimate mechanical properties of aligned linear-elastic
orthotropic composites. The estimated elastic modulus
according to the Halpin−Tsai model is expressed by48
Ec = Em

(
η=
(

Figure 3. AFM images of the GO-SF composite ﬁlms with diﬀerent
GO content (a) 0, (b) 8, (c) 25, and (d) 32 vol %. (e) Optical
micrograph of a buckled GO-SF composite ﬁlm on PDMS substrate.
(f) Elastic moduli of the GO-SF ﬁlms at diﬀerent volume fractions of
GO in the composites.

(1 + ηξVf )
(1 − ηVf )

Ef
Em
Ef
Em

9.1 GPa despite having ∼70% SF in the matrix. The dense
network of weak interactions (hydrogen bonding, hydrophobic,
and polar) between GO and SF are responsible for the
synergistic enhancement in the elastic modulus due to the
reinforcing eﬀect of GO-SF interfacial interactions.
To investigate the eﬀects of GO-content on the antiballistic
armor characteristics of GO-SF nanocomposites, we tested the
nanocomposite specimens, fabricated using SF solution at pH
10 with diﬀerent GO volume fractions: pure SF, 8, 25, and 32
vol %, corresponding to approximately 0, 50, 75, and 100%
areal coverage of GO ﬂakes, respectively (Figure S6).
Postpenetration optical micrographs showed a variation of
major fracture characteristics depending on the GO volume
fraction (Figure 4). The penetration holes of pure SF showed
the average diameter of 5.6 μm, closer to D, while considerably
smaller hole diameters (3.0, 3.3, and 3.2 μm for 8, 25, and 32
vol %) were created in all GO-SF composites. In addition, 25
and 32 vol % composites consistently displayed more irregular
penetration perimeters. These distinctive features support that
the GO nanoﬁller enhances fracture toughness to a certain
extent. Interestingly, longer radial cracks (an average of 10.7,
9.1, and 10.5 μm for 8, 25, and 32 vol %) (Figure 4b−d) were
frequently observed in all nanocomposites, compared to the 2.9

)
+ ξ)

−1

where Ec, Ef, and Em are the moduli of the composite, ﬁller, and
matrix, respectively, and Vf is the volume fraction of the ﬁller. ξ
is a shape parameter that depends on the ﬁller geometry,
orientation, and loading direction, and is given by the following
equation48

ξ=

2lf
3tf

where lf and tf are the length and thickness of the GO ﬂakes,
respectively. The elastic modulus estimated by the Halpin−Tsai
model linearly increased with an increase in the GO content.
The experimentally obtained elastic moduli of the GO-SF
composites agreed well with the theoretical values, predicted by
the Halpin−Tsai model (Figure 3f). The highest elastic
modulus of the GO-SF composite was found to be 76.8 ±
990
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area of a specimen (As = πD2/4). The rest of Ep is related to
other delocalized dissipation mechanisms, which is denoted as
Ed. Assuming an inelastic collision to a thin membrane (D ≫
h), Ep is expressed by two terms
Ep = (ρA sh)

vi2
+ Ed
2

(2)

where ρ is the density of the specimen and h is the specimen
thickness. When introducing the speciﬁc penetration energy,
Ep*, deﬁned by Ep(ρAsh)−1, the characteristic antiballistic
performance of materials can be compared regardless of
material’s areal density and a projectile diameter
Ep* =

vi2
+ Ed*
2

(3)

E*d is the speciﬁc delocalized penetration energy showing the
capability of a material to distribute the impact energy beyond
the direct strike area while excluding material-independent
term, v2i /2, caused by the kinetic energy transfer to the material
within the direct strike area.40
For the ﬁlms with thicknesses ranging from 80 to 150 nm, E*p
values of diﬀerent GO-SF composites (Figure 5b) were
quantiﬁed from the slope of Ep(h) upon testing specimens
with two diﬀerent thicknesses (see Figure S4). Note that for
each thickness, a total of 10 independent microballistic
characterizations were performed and the error bar was the
standard deviation of linear ﬁtting using the total 20 measured
values of ΔEk. The E*p value of pure SF is 0.42 MJ kg−1 while 8
vol % GO sample showed only a slight improvement (<5%) in
the Ep* values as the nanocomposite has silk as the major
component (92%) for load transfer. The E*p values of 25 vol %
GO sample increases by 26%, compared to pure SF suggesting
that the GO ﬂakes signiﬁcantly inﬂuence the load transfer
mechanism. Ep* increased monotonically with higher GOcontent, due to the enhanced fracture toughness and faster
propagation of stress waves. Unexpectedly, E*p revealed an
onset of a new behavior between 25 and 32 vol %, which is
distinguished from the trend originated from the stochastic
nature of GO-SF composite morphology. We believe that the
onset of the transition is due to the complete coverage of GO
ﬂakes resulting in overlapped GO ﬂakes rather than being
isolated from other GO ﬂakes. Because of the partially
overlapping GO ﬂakes, radial stress waves can propagate
signiﬁcantly farther through the composite since the in-plane
speed of sound of GO ﬂakes can be considerably faster than
that of SF due to higher Young’s modulus of GO (EGO ∼ 207.6
GPa)6 than that of SF (ESF ∼ 4.1 GPa), where the speeds of
sound is proportional to √E. Therefore, the abrupt increase at
100% areal coverage can be accredited to the impact energy
delocalization by the elastic wave propagation through the
connected GO ﬂakes.49
E*d , the diﬀerence between E*p and v2i /2, indicates how
eﬃciently the material can dissipate penetration energy through
the delocalization process along the in-plane direction. Because
this redirection of energy ﬂow from the normal to tangential
direction is highly desired in an armor to achieve the same
antiballistic performance with less material, Ep* of pure SF and
GO-SF composites were compared with other microscopic and
macroscopic materials from previous literature (Figure 5c).40
Note that the chart is intended to provide the current status of
nanomaterials’ performance at the microscale in comparison to
the performance of macroscopic materials although the

Figure 4. Postimpact optical micrographs of 150 nm thick ﬁlms with
diﬀerent GO concentration, (a) 0, (b) 8, (c) 25, and (d) 32 vol %.
SEM images of near impact sites of nanocomposites membranes of (e)
0 and (f) 32 vol % of GO concentration.

μm of pure SF (Figure 4a). One may understand that this is
contradictory to the enhanced fracture toughness. However, as
the enhanced toughness can delay the initiation of the radial
cracks within the direct strike area, this delay can allow radial
stress waves to propagate farther prior to penetration.
Moreover, since the higher GO content also increases the
eﬀective propagation speed of the stress waves, a much wider
region of the specimen can be under tensile stresses during the
penetration event. Thus, we consider that the enhanced
toughness and the faster speed of stress waves led to the
longer radial cracks.
Because of the extremely light mass of the projectile (m = 4.4
× 10−13 kg), we were able to quantify instantaneous velocity,
v(t), and acceleration, a(t), of the projectile, using the ﬁrst and
second derivative of the positions of a projectile, z(t),
respectively (Figure 5a). Thus, kinetic energy loss is deﬁned
1
by ΔE k (t ) = 2 m[vi(0)2 − vr(t )2 ], and the force exerted to the
projectile is F(t) = ma(t) . The sudden jump in the force plot is
obviously from the mechanical interaction between the
specimen and the projectile, corresponding to a rapid increase
of ΔEk. In addition, the deceleration of the projectile by air drag
can be clearly seen from the nonzero slope of ΔEk prior and
after penetration. Therefore, ΔEk can be decomposed by
1
ΔE k = m(vi 2 − vr 2) = Ep + Eair
(1)
2
where Ep is the net energy needed to penetrate a nanocomposite specimen and Eair is energy loss due to the air drag.
Besides the projectile, debris from the specimen decelerated
more signiﬁcantly due to its lighter mass (Figure 1e). As a
simpliﬁed model, we supposed that a fraction of Ep was caused
by the kinetic energy transfer to the debris from the strike face
991
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Figure 5. (a) Force and kinetic energy loss during the penetration process. (b) Speciﬁc penetration energy of GO-SF composites with diﬀerent GO
volume fraction. (c) Speciﬁc penetration energy of GO-SF composites compared with several other materials.

LbL assembly process. Microscopic ballistic characterization
was conducted using high-velocity penetration of microsized
projectiles through the nanocomposite ﬁlms with diﬀerent
volume fractions of GO. Apart from the highly attractive
features of GO-SF nacre-mimetic composites, such as layered
architecture, precise control of thickness and spatial distribution
of individual components, concerted hydrogen bonding, polar−
polar, and hydrophobic interactions at the interface of GO and
SF layers, our study strongly suggests that the nanoscale
continuity of GO phase plays a critical role in the development
of 2D nanomaterial-based composite armors. Therefore, the
development of nanocomposite armors ought to be perused
through the optimization of nanoscale morphologies and
interactions of constituents with comprehensive HSR characterization. This work establishes a framework for HSR characterization of numerous nanocomposites that can be realized with
natural and synthetic matrix and ﬁller materials.

quantitative correspondence between microscopic and macroscopic ballistic results may need a more comprehensive
investigation. The three lower concentration materials displayed antiballistic characteristics similar to Kevlar, a very
popular armor material, and superior over ductile metals
(aluminum and steel) and amorphous glassy polymer
(Plexiglas). Note that the performance of Kevlar, aluminum,
steel and Plexiglas were quantiﬁed from the macroscopic
ballistic testing.50 The outstanding behavior of SF ﬁlms is
attributed to the crystalline β-sheets to be the reinforcement
ﬁllers in an amorphous matrix and also the physical crosslinks.11 By virtue of the two-dimensional inﬁnite sheet-like
morphology of GO ﬂakes, the 32 vol % nanocomposite
considerably outperformed Kevlar, while not completely
reaching the extrapolated value of single crystal multilayer
graphene. This means that nanocomposites based on a ﬁnite
size of GO ﬂakes would potentially reach the antiballistic
performance of the single crystal multilayer graphene through
further interfacial optimization. Such optimization of spatial
distribution of the ﬁller and the interfacial interaction is
completely plausible and paves the way for scaling up the
nanocomposites.
To summarize, millimeter scale GO-SF nanocomposites were
fabricated by SA-LbL assembly. The nanoscale structure,
interfacial interactions between the components, and elastic
modulus of the composite ﬁlm was found to be highly
dependent on the pH of the SF solution employed in the SA-
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